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Abstract: This study focuses on the effect of non-conventional annealing strategies on the microstruc-
ture and related mechanical properties of austempered steels. Multistep thermo-cycling (TC) and
ultrafast heating (UFH) annealing were carried out and compared with the outcome obtained from a
conventionally annealed (CA) 0.3C-2Mn-1.5Si steel. After the annealing path, steel samples were
fast cooled and isothermally treated at 400 ◦C employing the same parameters. It was found that
TC and UFH strategies produce an equivalent level of microstructural refinement. Nevertheless,
the obtained microstructure via TC has not led to an improvement in the mechanical properties
in comparison with the CA steel. On the other hand, the steel grade produced via a combination
of ultrafast heating annealing and austempering exhibits enhanced ductility without decreasing
the strength level with respect to TC and CA, giving the best strength–ductility balance among the
studied steels. The outstanding mechanical response exhibited by the UFH steel is related to the
formation of heterogeneous distribution of ferrite, bainite and retained austenite in proportions
0.09–0.78–0.14. The microstructural formation after UFH is discussed in terms of chemical hetero-
geneities in the parent austenite.

Keywords: austempering; ultrafast heating annealing; thermo-cycling annealing

1. Introduction

A method commonly employed to achieve suitable strength–ductility balance in steels
is microstructural grain refinement [1,2]. Phase transformation of austenite into micro
and nanosized lath shape BCC (ferrite-martensite-bainite) sub-units can be attained via
heat treatment, controlling the temperature of phase transformation [3–5]. Refinement of
the parent austenite grain (PAG) size has been proved as an effective strategy towards
fine-grained steel grades [2,6–8]. Among the different methods for grain refinement, the
addition of microalloying elements [9] and complex thermo-mechanical treatments [10]
are well-known routes to achieve a fine distribution of PAGs and improved mechanical
properties in high strength steels.

On the other hand, recent trends in advanced high strength steel production
account for the development of lean alloy steels with outstanding mechanical perfor-
mance reached via novel and efficient heat treatments [11,12]. In order to create retained
austenite containing multiphase microstructures, most of the thermo-treatments for the
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new generation of steels take advantage of the decomposition of austenite and carbon
partitioning from bainite and/or martensite [12]. Design and study of bainitic and
martensitic based TRIP steels are mainly focused on the evaluation of results obtained
by manipulation of low temperature heat treatment parameters (in the range from 200
to 500 ◦C), after a conventional annealing step (heating rate from 10 to 30 ◦C/s and
soaking time at annealing temperature >60 s).

Therefore, unconventional annealing routes could be employed to modify the
initial parent austenite phase, resulting in further improvement of the mechanical
response of low alloy steels subjected to low temperature thermal paths. Results in
thermo-cycling annealing [6–8,13] have shown that multiple annealing and cooling
steps, conducing to successive martensite–austenite transformations, are an effective
route to obtain a homogeneous distribution of fine-grained PAGs, starting the cycling
with a coarse martensitic microstructure.

Another promising annealing route towards the new generation of steels is the ultra-
fast heating (UFH) [8,14–21]. This strategy represents an optimization of the heat treatment
process by employing heating rates ≥100 ◦C/s, reducing the annealing time from several
minutes to a window of 1 to 10 s. Thanks to the development of longitudinal and transverse
flux induction heating technologies, the ultrafast heating of steel strips is feasible at small
and large scales [17,22,23]. Pilot-scale installations for ultrafast heating applications are
reported elsewhere [22,23]. The enhanced combination of mechanical properties in lean
alloyed UFH steels is developed through the formation of fine-grained heterogeneous
microstructures [8,15–18,24,25]. The microstructural grain refinement reached in ultrafast
heating experiments is related to several factors including (i) preferential nucleation of
austenite [26,27] and interaction between ferrite recrystallization and austenite phase trans-
formation [20,28]; (ii) pinning effect by undissolved cementite carbides [21]; (iii) restricted
austenitic grain growth by the high heating rate employed [29]. Moreover, current research
on this topic has confirmed that solute heterogeneities in austenite, produced due to the lack
of time for homogenization during the annealing step, are responsible for the formation of
a complex mixture of constituents upon cooling [15–17,24,30].

This study aims to evaluate and clarify the influence of different annealing strategies
on the microstructure development and related mechanical properties of austempered
bainitic steels. Annealing treatments carried out here were designed to gain insight into
the influence of different microstructural characteristics, produced via modification of the
initial parent austenite, on the resulting microstructures and mechanical behavior.

2. Materials and Methods

A lean low carbon steel with composition listed in Table 1 is investigated. The
as-received material is a 70% cold-rolled, 1.2 mm thickness steel with a microstructure
consisting of 29% of ferrite and 69 (±3)% of pearlite (Figure 1). Equally distributed bands
of ferrite and pearlite were found throughout the thickness of the studied material.

Table 1. Chemical composition, wt.%.

C Mn Si P S FE

0.28 1.91 1.44 0.009 0.005 Bal.

The as-received material was subjected to three different annealing strategies, namely
conventional (CA), thermo-cycling (TC) and ultrafast heating annealing (UFH). Throughout
this manuscript, the heat-treated samples will be referred as CA, TC and UFH based on
their annealing history.

Cold-rolled samples of dimensions 10× 5× 1.2 mm3 and 90× 20× 1.2 mm3, with the
largest axis parallel to RD, were heat-treated in a Bähr 805A/D dilatometer (TA Instruments,
New Castle, DE, USA) and in a Gleeble 1500 thermo-mechanical simulator (Dynamic
Systems Inc., Poestenkill, NY, USA), respectively.



Metals 2021, 11, 1041 3 of 19Metals 2021, 11, x FOR PEER REVIEW 3 of 20 
 

 

 
Figure 1. Microstructure of the steel in as-received 70% cold-rolled steel. 

Cold-rolled samples of dimensions 10 × 5 × 1.2 mm3 and 90 × 20 × 1.2 mm3, with the 
largest axis parallel to RD, were heat-treated in a Bähr 805A/D dilatometer (TA Instru-
ments, New Castle, DE, USA) and in a Gleeble 1500 thermo-mechanical simulator (Dy-
namic Systems Inc., Poestenkill, NY, USA), respectively.  

The AC3 temperature in each annealing treatment was estimated via dilatometric 
analysis employing the methodology presented in [14]. Samples treated according to the 
CA treatment were heated at 10 °C/s up to 885 °C, i.e., ≈30 °C above the AC3 (≈852 °C), and 
then soaked for 180 s followed by fast cooling at 160 °C/s. For TC, the first annealing step 
follows the same parameters as CA, and then three subsequent heating and cooling steps 
(cycles) were applied. The parameters of each cycle are a constant heating rate of 30 °C/s 
to 885 °C, soaking time of ≈2 s, and cooling at 160 °C/s to room temperature. The AC3 for 
the last annealing step (step 4) was estimated as 855 °C. The AC3 temperature for the sam-
ples heated at 500 °C/s in dilatometer was estimated as 892 °C. Nevertheless, this value 
was obtained in samples heated at 500 °C/s up to the AC1 temperature (767 °C), then the 
heating rate declined to ≈380 °C/s due to the decrease in efficiency of the longitudinal flux 
induction heating in dilatometer above the curie point and by the formation of paramag-
netic austenite. Previous evaluations of the AC3 evolution with the heating rate in cold-
rolled low alloy steels [31,32] indicated that the AC3 temperature shifts slightly when high 
heating rates are applied. Thomas [31] reported a shift of 1 to 3 °C of the AC3 temperature 
by increasing the heating rate from 100 °C/s to 1000 °C/s in 1020, 1019M and 15B25 cold-
rolled steels. Using the Gleeble simulator, UFH samples were heated at 500 °C/s up to 925 
°C, approximately 30 °C above the AC3 estimated by dilatometric analysis. Then, an iso-
thermal holding step not greater than 0.3 s was employed to avoid chemical homogeniza-
tion and austenitic grain growth at the annealing temperature. The selected cooling rate, 
after the annealing step, was 160 °C/s. 

Figure 2a,b show the dilatometric curves for CA and TC obtained in samples directly 
cooled to room temperature and in samples isothermally held at 400 °C. The formation of 
martensite is clear from the expansion observed below the 푀 % temperature in the dila-
tation-change in length v/s temperature curves (Figure 2a,b). In this work, the 푀 % was 
defined as the temperature at which a 5% of the total dilatation generated by the marten-
sitic transformation was measured by applying the lever rule method. Since it was not 
possible to reach a constant heating rate of 500 °C/s in the dilatometer, the MS temperature 
for the sample peak annealed at 500 °C/s to 925 °C (UFH) was estimated by means of 
numerical differentiation of the cooling curves recorded in samples heat-treated using the 
Gleeble simulator. Figure 2c presents the change in the slope of the cooling curve at low 
temperature due to the exothermic characteristics of the austenite to martensite transfor-
mation. The insert in Figure 2c displays the derivate of the cooling curve. 

Figure 1. Microstructure of the steel in as-received 70% cold-rolled steel.

The AC3 temperature in each annealing treatment was estimated via dilatometric
analysis employing the methodology presented in [14]. Samples treated according to the
CA treatment were heated at 10 ◦C/s up to 885 ◦C, i.e., ≈30 ◦C above the AC3 (≈852 ◦C),
and then soaked for 180 s followed by fast cooling at 160 ◦C/s. For TC, the first annealing
step follows the same parameters as CA, and then three subsequent heating and cooling
steps (cycles) were applied. The parameters of each cycle are a constant heating rate of
30 ◦C/s to 885 ◦C, soaking time of ≈2 s, and cooling at 160 ◦C/s to room temperature.
The AC3 for the last annealing step (step 4) was estimated as 855 ◦C. The AC3 temperature
for the samples heated at 500 ◦C/s in dilatometer was estimated as 892 ◦C. Neverthe-
less, this value was obtained in samples heated at 500 ◦C/s up to the AC1 temperature
(767 ◦C), then the heating rate declined to ≈380 ◦C/s due to the decrease in efficiency of
the longitudinal flux induction heating in dilatometer above the curie point and by the
formation of paramagnetic austenite. Previous evaluations of the AC3 evolution with the
heating rate in cold-rolled low alloy steels [31,32] indicated that the AC3 temperature shifts
slightly when high heating rates are applied. Thomas [31] reported a shift of 1 to 3 ◦C of the
AC3 temperature by increasing the heating rate from 100 ◦C/s to 1000 ◦C/s in 1020, 1019M
and 15B25 cold-rolled steels. Using the Gleeble simulator, UFH samples were heated at
500 ◦C/s up to 925 ◦C, approximately 30 ◦C above the AC3 estimated by dilatometric
analysis. Then, an isothermal holding step not greater than 0.3 s was employed to avoid
chemical homogenization and austenitic grain growth at the annealing temperature. The
selected cooling rate, after the annealing step, was 160 ◦C/s.

Figure 2a,b show the dilatometric curves for CA and TC obtained in samples directly
cooled to room temperature and in samples isothermally held at 400 ◦C. The formation
of martensite is clear from the expansion observed below the M5%

s temperature in the
dilatation-change in length v/s temperature curves (Figure 2a,b). In this work, the M5%

s
was defined as the temperature at which a 5% of the total dilatation generated by the
martensitic transformation was measured by applying the lever rule method. Since it
was not possible to reach a constant heating rate of 500 ◦C/s in the dilatometer, the MS
temperature for the sample peak annealed at 500 ◦C/s to 925 ◦C (UFH) was estimated by
means of numerical differentiation of the cooling curves recorded in samples heat-treated
using the Gleeble simulator. Figure 2c presents the change in the slope of the cooling curve
at low temperature due to the exothermic characteristics of the austenite to martensite
transformation. The insert in Figure 2c displays the derivate of the cooling curve.

MS temperatures of 346 (±5) ◦C, 322 (±4) ◦C and 346 (±8) ◦C were estimated for CA,
TC and UFH, respectively. The values presented in parenthesis correspond to the standard
deviation of at least 2 measurements. These experimental results are in good agreement
with the calculated MS of 335 ◦C [33]:

Ms(
◦C) = 692− 502C0.5 − 37Mn− 14Si (wt.%) (1)
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On the other hand, the dilatation measured during the isothermal step at 400 ◦C is to
a large extent generated by the transformation of austenite to bainite (Figure 2a,b). Based
on the dilatometric results, a set of samples were subjected fast cooling and isothermal at
400 ◦C for 600 s to induce the stabilization of austenite via carbon redistribution during
bainite formation [34]. The austempering process (AT) was performed at 400 ◦C to avoid
the formation of martensite upon cooling. In this way, the analyses of competitive reactions
typically observed in Q&P steels [35] such as carbon partitioning from martensite to
austenite and/or the tempering of martensite during the isothermal step are excluded in
this work.

Figure 3a,b display the temperature record of samples heat-treated in the Gleeble ther-
momechanical simulator. The temperature was controlled using a K-type thermocouple
spot welded to the geometrical center of each sample. Additionally, extra thermocouples
were welded at different locations of the sample for measuring possible thermal gradients
close to the control thermocouple. Depending on the experimental setup, a small homoge-
neously treated zone can be obtained in samples heated by Joule effect (electric resistance
heating) in the Gleeble simulator. Then, to determine the size of this zone, Vickers hardness
measurements were made along the RD direction, on the ND plane. A homogeneous zone
of at least 12 mm was determined by employing this method. As schematically presented in
Figure 3c, samples used for microstructural and mechanical characterization were extracted
from the homogeneously treated zone, which is enclosed by dashed lines. Figure 3c also
presents the sample geometry used for tensile testing. Note that the gauge length and
shoulders of the dog bone sample fall within the homogeneously treated zone.

The microstructures were characterized by means of light optical microscopy (LOM),
scanning electron microscopy in secondary electron mode (SE) and electron backscattered
diffraction (EBSD). Samples for microstructural characterization were extracted from the
region next to the reduced section of the tensile samples. Metallographic examinations were
performed on the RD-ND plane (see Figure 3d). Samples were prepared by grinding and
polishing to 0.04 µm colloidal silica suspension (OP-U). LOM micrographs, SE images and
EBSD scans were acquired at 280 µm from the sample surface. Image analyses via LOM and
SE mode were carried out in samples pre-etched with Nital 2% (2 vol.% HNO3 in ethanol).
A scanning electron microscope FEI Quanta 450 FEG-SEM (ThermoFisher, Hillsboro, OR,
USA) was used for microstructural characterization. SE images were acquired employing
a working distance of 10 mm and an acceleration voltage of 15 kV. EBSD patterns were
acquired using pixels with a hexagonal grid, step size of 120 nm, acceleration voltage of
20 kV, working distance of 14 mm and sample pretilt of 70◦. EBSD data acquisition and
detector control were operated with EDAX-TSL OIM Data Collection v7.3 software (EDAX
AMETEK BV, Tilburg, The Netherlands). The acquired data were post-processed using TSL
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OIM Analysis v7 software. The minimum grain size was defined as 5 pixels per grain and
grain misorientation angle of 5◦.
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Taking advantage of the orientation relationship between bainite and parent austen-
ite [36], parent austenite grains (PAGs) were reconstructed from the measured EBSD data
using the computer code developed by Gomes et al. [37]. PAG definition was based on
7 square pixels per grain domain and misorientation of 15◦.

Quantification of the amount retained austenite (RA) and the carbon content of austen-
ite were estimated by means of X-ray diffraction (XRD) measurements in a Siemens
Kristalloflex D5000 diffractometer (Mo-kα source, operation parameters: 40 kV and
40 mA) (Brücker Belgium SA/NV, Kontich, Belgium). Samples cut from the homoge-
nously treated zone were prepared on the RD-TD plane, which is the plane normal to
the ND direction (see Figure 3c). A surface layer of ≈300 µm was removed by grinding,
followed by repeated polishing and etching steps. XRD patterns were acquired in the
2θ range from 25◦ to 45◦ using a step size of 0.03◦, dwell time of 20 s and sample holder
rotation of 15 rpm. The volume fraction of austenite was determined by the direct compari-
son method [37] using the integrated area of the (200)BCC, (211)BCC, (220)FCC and (311)FCC
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peaks. The retained austenite carbon content was calculated based on the relationship
proposed by Roberts [38]:

aγ = 3.548 + 0.044Cγ (2)

where aγ is the lattice parameter (in Å) and Cγ is the austenite carbon content (in wt.%).
Tensile tests were performed in an Instron 5000 device (Instron, Boechout, Belgium)

imposing a strain rate of 0.001 s−1. Subsize tensile samples of geometry presented in
Figure 3c were strained at constant strain rate up to fracture. Two samples were tested for
each austempered condition. The strain evolution during testing was locally measured
by 2D-digital image correlation. Image analysis and data evaluation were processed with
the Match ID software (Version 2018, MatchID, Ghent, Belgium). An initial gauge length
of 6 mm was digitally defined for the strain calculations. Reported yield strength values
were based on the 0.2% engineering strain offset. Absorbed energy during uniaxial tensile
deformation was calculated as the integrated area under the engineering stress–strain
curves. Strain hardening rate was determined as the first derivative of the true stress with
respect to the true strain evolution up to necking. Before differentiation of the true stress
v/s true strain values, the acquired data points were smoothed using the Locally Weighted
Scatterplot Smoothing method (LOWESS).

3. Results
3.1. Microstructure

To evaluate whether ferrite was formed upon cooling, after the annealing steps,
an initial microstructural characterization was performed by means of SEM analysis on
directly quenched samples (Figure 4). The microstructure of direct quench samples consists
predominantly of a lath martensitic (M) matrix, and allotriomorphic ferritic (F) grains are
also distinguished (dark gray grains in Figure 4). Ferritic grains of about ≈ 1 µm size
are observed at parent austenite grain boundaries in CA (Figure 4a) and TC (Figure 4b,e).
Widmanstätten ferrite plates (FW) [38] were also detected in CA (Figure 4d). A ferrite
fraction lower than 1% was obtained after fast cooling for CA, while 2.5 (±0.5)% of ferrite
was quantified for TC. The UFH sample mainly consists of martensite and 8.5 (±0.4)% of
ferrite with an average grain size of 1.2 (±0.5) µm (Figure 4c). Regions with undissolved
spheroidized and lamellar cementite particles (θ) are presented in Figure 4f.

Microstructures produced via a combination of the different annealing strate-
gies and austempering at 400 ◦C are shown in Figure 5. Inverse pole figures (IPF)
for the reconstructed PAGs are presented in Figure 5a–c. The middle row of images
(Figure 5d–f) shows combined EBSD image quality and phase maps, where retained
austenite grains of film (γF) and blocky-type (γB) morphologies, are highlighted in
green. Bainite and ferrite appear light red. Dark-red to black constituents observed by
the image quality (IQ)-phase maps presumably correspond to martensite (M), produced
by austenite transformation during the final cooling step [39], after the isothermal
holding at 400 ◦C. The lattice distortion and high dislocation density in martensite
decrease the diffraction pattern quality, resulting in a lower and darker IQ scale value
than the obtained for the bainitic matrix [39,40]. Based on EBSD-IQ quantification, the
amount of martensite was not greater than 1% for all austempered samples. Grain
boundaries of misorientation angle between 5–15◦ and 15–65◦ are indicated by white
and black lines, respectively. TC and UFH annealing led to finer bainitic blocks than
those obtained under conventional annealing (see the bainitic block length distribution
in Figure 6a). The third row of figures (Figure 5g–i) displays the secondary electron
micrographs of the austempered steel grades. A set of parallel bainitic blocks and
films of retained austenite are observed in the CA sample (Figure 5g). As presented in
the EBSD maps, finer microstructures resulted for the steel samples processed via TC
and UFH (Figure 5h,i). Islands with a less etched appearance correspond to partially
austenitic–martensitic constituents (M/γ) [39]. Those constituents are clearly distin-
guished in the EBSD IQ-Phase maps, where M is surrounded by retained austenite
grains (Figure 5d–f). The formation of M upon the final cooling step arises due to



Metals 2021, 11, 1041 7 of 19

the heterogeneous distribution of carbon in the residual austenite after bainite trans-
formation during austempering [41–43]. In Figure 5i, undissolved carbides (θ) are
also distinguished.

The amount of retained austenite in austempered samples was quantified via XRD as
14%, 15.3%, and 13.8% for the samples CA, TC and UFH, respectively (Table 2). A slightly
lower fraction of RA was quantified via EBSD; this is related to non-indexed RA grains
with a size smaller than the step size employed for the EBSD data acquisition [18,44].
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Figure 4. Microstructures of samples directly cooled to room temperature after the annealing step. (a–d) CA, (b–e) TC
and (c–f) UFH. In (e), prior austenite grain boundaries are highlighted by dashed lines. M: Martensite; F: Ferrite; FW:
Widmanstätten ferrite; θ: Undissolved cementite particles.

The grain size distributions for the austempered steels are presented in Figure 6. A
marginal difference and equivalent grain distributions were found for samples treated
via TC and UFH, while the conventional annealed steel shows larger bainitic blocks and
PAGs. Average bainitic block lengths of 5.3 µm, 3.5 µm and 3.4 µm were obtained for
samples CA, TC and UFH, respectively (Figure 6a). PAG reconstructions also revealed
that thermo-cycling and ultrafast heating annealing led to grain refinement of the parent
austenite and similar grain distributions were obtained after these unconventional types
of annealing strategies. Additionally, the narrow distribution of PAGs obtained after TC
and UFH is an indication of a more homogeneous distribution of grains (Figure 6b). The
average reconstructed PAG sizes for samples CA, TC and UFH are 8.6 µm, 5.7 µm and
5.5 µm, respectively.

Both grain major axis and grain aspect ratio (minimum grain length/maximum
grain length) distributions in RA are not greatly influenced by the prior annealing treat-
ment. An average RA grain major axis between 1.5 µm and 1.8 µm was produced af-
ter the combination of the different annealing strategies and subsequent austempering
(Figure 6c), with the largest distribution of grains for CA. Measured RA grain aspect ratio
values display normal distributions with maximum and average close to 0.4, which is
related to a rather elongated RA grain shape (Figure 6d).
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Figure 5. (a,d,g) CA, (b,e,h) TC and (c,f,i) UFH. Microstructures obtained after isothermal holding at 400 ◦C for 600 s: The
first row of images presents the inverse pole figure of the reconstructed PAGs. EBDS IQ-Phase maps and secondary electron
images are shown in the second and third row of images, respectively. Retained austenite grains (FCC) appear highlighted
in green in the combined IQ-Phase maps, while bainite, ferrite and martensite appear red. White and black lines delineate
boundaries of misorientation angle between 5–15◦ and 15–63◦, respectively. M: Martensite; γ: Retained austenite of film
(γF) and blocky-type (γB) morphologies. M/γ: martensite-retained austenite constituent; θ: undissolved cementite particles.
Note that the magnification increases from the first to the third row of images.

Table 2. Microconstituents quantification (standard deviation).

Sample Bainite,% * Ferrite
(SEM),%

Martensite
(EBSD), %

RA (EBSD), %
(0.2)

RA (XRD), %
(0.5)

RA Carbon Content
(XRD), wt.%

CA 85.0 (0.5) <1 <1 11.9 14.0 1.36 (0.02)
TC 82.2 (0.7) 2.5 (0.5) <1 12.5 15.3 1.33 (0.02)

UFH 77.7 (0.7) 8.5 (0.4) <1 12.3 13.8 1.40 (0.01)

* Note: Bainite = 100-Ferrite(SEM)-Martensite(EBSD)-RA(XRD).
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Figure 6. Grain size distribution: (a) bainitic block length. (b) reconstructed parent austenite grain size diameter.
(c) retained austenite grain diameter. (d) retained austenite grain aspect ratio. Vertical lines denote the average value for
each distribution. In (a), an IPF of reconstructed PAGs is presented together with the respective IQ map of the “child”
bainitic blocks (B) formed after austempering for the CA sample. Retained austenite grains are enclosed by red boundaries.
Film (γF) and blocky-like (γB) RA grains are highlighted in (c).

3.2. Textures

Texture analysis was carried out to elucidate the influence of the different annealing
strategies on the crystallographic orientation of the transformation products in the studied
steels. Figure 7 presents the orientation distribution functions (ODF) for the as-received
cold-rolled material and austempered steels. BCC texture is presented at ϕ2 = 45◦ section
of the Euler space and the main texture components of rolled BCC-Iron (Figure 7a) are pre-
sented for comparison. The as-received material (CR) shows a strong ND-RD texture which
is typical for cold-rolled ferritic steels [36] and the rotated cube component {001}<110>
(Figure 7b). After conventional annealing (Figure 7c), the RD texture fiber disappeared and
high intensity is observed along with the ND fiber, with local maxima of orientations con-
centrated close to the {554}<225> and {111}<112> texture components. Thermo-cycling led
to a maximum intensity of 1.64 multiples of random distribution (mrd) (Figure 7d). High
intensity is observed close to ND ({554}<225>; {111}<112>) and RD ({112}<110>; {113}<110>)
texture components. {001}<110> components are also distinguished after thermo-cycling.
Texture obtained after UFH resembles the cold-rolled texture with a strong RD-ND type of
texture (Figure 7e). The convex curvature of the ND fiber in the CR sample is maintained
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in the ultrafast heated bainitic steel. At the same time, the intensity for RD-ND fibers and
{001}<110> texture components is lower than that observed in CR.
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3.3. Mechanical Properties

Tensile engineering stress–strain and strain hardening rate v/s true strain curves are
shown in Figure 8a,b, respectively. Mechanical property values are summarized in Table 3.
Bainitic steels produced in this study display continuous yielding and comparable values
of ultimate tensile strength (σUTS). Yield strength (σys) values of 895 MPa, 869 MPa and
862 MPa were measured for samples CA, TC and UFH, respectively. The obtained σUTS
ranged from 1130 to 1135 MPa. Tensile testing, specifically the uniform (εu) and total (εtotal)
elongation values, revealed a considerable difference in ductility for UFH with respect to
samples CA and TC. In CA and TC steels, εu and εtotal are similar with values close to
≈0.15 and 0.25, respectively. The sample UFH shows an εu and a εtotal of 0.24 and 0.35,
respectively. The reported difference in the elongation values represents an increment of
60% in εu and 40% in εtotal for the sample UFH with respect to CA and TC. Absorbed
energy values of 251 MJ/m3, 268 MJ/m3 and 375 MJ/m3 were determined for CA, TC and
UFH, respectively.
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Table 3. Mechanical properties (standard deviation).

Sample σys, MPa σUTS, MPa σUTS/σys εu εtotal

Absorbed
Energy,
MJ/m3

CA 895 (8) 1131 (2) 1.26 (0.01) 0.14 (0.001) 0.24 (0.005) 251 (6)
TC 869 (8) 1135 (7) 1.31 (0.003) 0.16 (0.003) 0.25 (0.006) 268 (4)

UFH 862 (13) 1130 (6) 1.31 (0.003) 0.24 (0.01) 0.35 (0.004) 375 (1)

The strain hardening behavior of the studied steels is presented in Figure 8b. Below
a true strain of 0.05, sample CA displays the highest strain hardening rate and UFH the
lowest one. In the true strain range from 0.05 to 0.11, all bainitic steels present a gradual
decrease of the strain hardening rate, which is extended up to ≈0.21 for the UFH sample.

4. Discussion

Thermo-cycling and ultrafast heating produced microstructures finer than conven-
tional annealing (Figures 5 and 6). The fine-sized PAGs and product microconstituents
obtained via thermo-cycling are the results of multiple reverse transformations martensite-
austenite in each cycle. Consecutive nucleation of austenite at prior parent austenite and
martensitic grain boundaries [6,8], like blocks and packets, together with an increase in
heating rate (10 ◦C/s to 30 ◦C/s) and 2 s of holding time, resulted in a measurable refining
the grain size in the studied steel. At the same time, multiple reverse transformations
randomized texture fibers of the initial material, and localized texture components of
low intensity were developed (Figure 7d). Multiple variant selection, related to the trans-
formation from austenite to martensite/bainite [36] (24 variants of the K-S orientation
relationship), resulted in the low intensity (multiples of random distribution) observed for
the heat-treated samples in comparison with the as-received material. According to this,
multiple and subsequent steps of transformation martensite→ austenite→ martensite
are responsible for the weaker texture observed for TC. On the other hand, the conven-
tional annealed sample displays a texture with higher intensity on the {554}<225> and
{111}<112> components, being similar to the crystallographic texture observed in recrys-
tallized ferrite [45,46]. The low heating rate employed during conventional annealing
(i.e., 10 ◦C/s) leads to the recrystallization of ferrite during heating, conducing to the
transformation of grains with orientations that compose the RD fiber texture (such as
{112}<110>) to grains with orientation close to {111}<112> and {554}<225> [45], which
are the orientations observed after conventional annealing followed by austempering
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(Figure 7c). Also, {111}<112> and {001}<011> orientations components can be obtained
as results of transformation from parent austenite grains of brass orientation [47]. Large
PAGs and bainitic blocks for CA are the result of the slow heating rate and soaking for
180 s at the annealing temperature, where the selected annealing parameters produce both,
isochronal and isothermal austenitic grain growth.

The ODF of the UFH sample (Figure 7e) shows that the general characteristics of the
BCC texture are almost the same compared with the as-received material (Figure 7b). This
phenomenon can be explained in terms of the texture memory effect hypothesis [46] and
similar results have been previously reported for different ultrafast heated steel grades,
including Q&P steels [18–20,44]. In this work, evidence of austenite formation and its inter-
action with non-recrystallized ferrite (F(Non-RX)) during the heating process is presented.
Figure 9 shows selected F(Non-RX) grains in an intercritical annealed sample heated at
500 ◦C/s to 800 ◦C and quenched with no soaking time. A high density of dislocations is
indirectly observed in the 1st neighbor kernel average misorientation maps exhibited in
Figure 9a,b, proving that ferrite is in a non-recrystallized state during austenite formation.
The ODF map presented in Figure 9c supports this observation.
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ing rise to the crystallographic orientation observed for the UFH bainitic steel (Figure 7e), 
even after heating the sample above the AC3 temperature. Those non-recrystallized ferritic 
regions provide a high density of nucleation sites for austenite [48]. Additionally, the high 
heating rate and undissolved carbides can effectively suppress the austenitic grain growth 
upon heating [18,20], resulting in the fine-grained bainitic structure produced after ultra-
fast heating annealing and austempering. 
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includes heating up to a temperature range above AC3 followed by fast cooling, gives an 
equivalent grain refinement effect to the obtained through the UFH route, as presented in 
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Figure 9. Non-recrystallized ferrite obtained in a sample heated at 500 ◦C/s to 800 ◦C followed by direct quenching: (a) 1st
neighbour kernel average misorientation map. (b) Enlarged IQ-KAM map of the area enclosed by the dashed square in (a).
White and red lines define boundaries with misorientation angles between 5–15◦ and 15–63◦, respectively. (c) Orientation
distribution function (scanned area 22,500 µm2).

The ODF of the F(Non-RX) grains shows a convex curvature of the ND fiber and
high intensity in the {113}<110> and {112}<110> rolling texture components. Texture
characteristics of F(Non-RX) are restored after the transformation of F(Non-RX) → austenite
→ bainite giving rise to the crystallographic orientation observed for the UFH bainitic
steel (Figure 7e), even after heating the sample above the AC3 temperature. Those non-
recrystallized ferritic regions provide a high density of nucleation sites for austenite [48].
Additionally, the high heating rate and undissolved carbides can effectively suppress
the austenitic grain growth upon heating [18,20], resulting in the fine-grained bainitic
structure produced after ultrafast heating annealing and austempering.

It is important to note that the four-step thermo-cycling applied in this study, which
includes heating up to a temperature range above AC3 followed by fast cooling, gives an
equivalent grain refinement effect to the obtained through the UFH route, as presented in
Figure 6b.

The microstructure produced after a predefined thermal treatment depends on the
chemical and morphological characteristics of the parent austenite and subsequent thermal
pathways. In this study, a fast-cooling rate of 160 ◦C/s was employed after the initial
annealing step. This approach makes it possible to elucidate the characteristics of the
parent austenite based on the microstructure obtained after cooling. Figure 10 shows the
microstructure of the as-received ferritic–pearlitic steel (Figure 10a) together with samples
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CA (Figure 10b) and UFH (Figure 10c) directly cooled to room temperature (the microstruc-
ture of TC is presented in Figure 4b). Clear differences are observed between CA and UFH.
In the UFH steel, a banded microstructure that resembles the ferritic–pearlitic bands of
the as-received cold-rolled material was obtained. The insert in Figure 10c shows that the
darker areas in the optical micrograph are mainly composed of fine-grained ferrite, as it was
presented previously in Figure 4c. Contrarily, even distribution of microconstituents was
found in CA and TC. The influence of the prior annealing strategies on the produced mi-
crostructures is exemplified using schematic continuous cooling transformation diagrams
(presented in Figure 10d,e).
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is inherited from the initial cold-rolled material, where LA (ferritic) and HA (pearlitic) are low alloyed and high alloyed
regions, respectively.

Conventional annealing produces a homogeneous parent austenite phase of a rather
large grain size if it is compared to the grain size distributions of TC and UFH. After
cooling, a ferrite fraction lower than 1% was obtained for CA, with ferritic grains nucleated
at prior austenite grain boundaries. The decrease in the PAGs size by thermo-cycling
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annealing led to a higher amount of effective nucleation points [7], resulting in an increased
number of ferritic grains obtained after cooling. The decrease in the MS temperature
is also related to the smaller PAGs produced after TC, and this phenomenon has been
reported and discussed elsewhere [2,13]. On the other hand, the banded microstructure
obtained after ultrafast heating and cooling is linked to the chemical heterogeneity of the
parent austenite. The homogenization of manganese and carbon might be constrained
during the ultrafast heating annealing [16,30,49]. This is a reason to obtain compositional
gradients in the parent austenite, with regions of high and low solute concentration at prior
pearlitic (high alloyed region, HA) and deformed ferritic bands (low alloyed region, LA),
respectively [50,51]. During the initial stages of nucleation, austenite forms preferentially
at prior pearlitic regions [26]. Additionally, austenite can also nucleate at ferrite–ferrite
boundaries. Nevertheless, the growth of those nuclei will be controlled through carbon
diffusion from the carbon-rich areas [48,52]. Another transformation mechanism that could
operate upon fast heating is the massive growth of austenite from proeutectoid ferrite
at the last stage of austenite formation [26,27]. As the homogenization of carbon and
the alloying elements is likely restricted by the high heating rate and short soaking time
employed (<0.3 s), low and high solute regions in parent austenite will transform following
different kinetics of phase transformations, as presented in Figure 10e. The results suggest
that LA regions decompose to a mixture of ferrite and possible bainite, while prior HA
regions are transformed mainly to martensite due to the inhomogeneous distribution of
alloying elements in austenite. These results concur with those reported for lean alloy
steels subjected to ultrafast heating and fast cooling [15,49,53–55].

According to the mechanical properties, the decrease in the grain size attained via
thermo-cycling treatment resulted in equivalent σUTS and elongation values to the obtained
in CA. These observations are in line with previous results in the influence of PAG size and
the related mechanical performance of martensitic steels by Hanamura et al. [2]. The results
suggest that the decrease in the average bainitic block length from 5.3 µm (CA) to 3.5 µm
(TC) and 3.4 µm (UFH) does not play a major role on the overall mechanical behavior of the
studied steels. Instead, the combination of ultrafast heating and austempering produced
higher uniform and total elongation, resulting in an enhanced strength-ductility balance
and superior capacity of energy absorption during tensile testing.

The distribution of microconstituents and corresponding mechanical properties ob-
tained after austempering are summarized in Figure 11. The results indicate that the σUTS
values are insensitive to the processing history and microstructure. This observation agrees
with the findings reported by Kumar et al. [56], where a saturation of the strength level
was obtained in dual-phase steels with bainite or martensite content higher than 60%.

The resulting mechanical properties obtained via the combination of UFH and austem-
pering agree well with previous findings reported for UFH-Q&P steels [18,25], for which a
promising compromise between total elongation and high strength level was found through
the formation of ferrite-containing multiphase microstructures. Those results [18,25] sug-
gested that the presence of ferrite does not affect the strength level but effectively con-
tributes towards improving the tensile strain capacity of UFH steels.

In multiphase steels, the fraction, strength, distribution and size of each microstruc-
tural constituent define the mechanical behavior [57,58]. The strain hardening is also
influenced by stress partitioning and strain accommodation between phases during de-
formation [59,60]. Additionally, the mechanical stability of retained austenite and its
interaction with the surrounding microconstituents play a fundamental role on the strain
hardening rate of TRIP-aided steels [59,61,62].

Noticeable differences in the strain hardening rates of the studied steels are observed
at the initial stages of deformation, before reaching a strain value of 0.05 (Figure 8b). In an
attempt to elucidate the potential effect of the microstructure on the mechanical behavior,
the measured strain hardening rates were analyzed by using the modified Crussard-Jaoul
analysis [63,64]. Figure 12 shows representative plots of ln(dσt/dεt) vs. ln(σt) for the
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studied steels. Three different stages (sI-III) of strain hardening are observed; true stress (εt)
and true strain (σt) values at the transition of each stage are indicated in parenthesis.
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During stage 1 (sI), initial yielding and dislocation accumulation in bainitic regions
lead to high strain hardening rates for samples CA and TC. At this stage, the accumulation
of mobile dislocations at regions near to retained austenite grains takes place [65]. It is
expected that the retained austenite grains that compose M/γ islands are among the first to
transform due to the constraining effect on strain distribution and locally higher stress levels
that arise in the regions surrounding the initial martensitic zones [66]. Retained austenite
grains of low mechanical stability might also transform to martensite in this stage. Stage 1 is
prolonged to higher levels of stress and strain in the UFH sample due to the homogeneous
deformation of soft ferritic grains, which resulted in the lowest strain hardening rate
observed at the early stages of deformation [64,67]. In stage 2 (sII), retained austenite grains
continuously transform to martensite due to the accumulation of strain. This transformation
attenuates the strain hardening rate decreasing by inhibiting the dislocation glide process
in regions where newly martensite grains were formed [65,68]. The higher strain hardening
rate at the initial stages of deformation for CA and TC samples might be also influenced
by a fast rate of austenite transformation upon straining. The C-J plots indicate that most
of the austenite transformation proceeds quickly at low strain levels in samples CA and
TC (before reaching the stress level corresponding to stage 3). This observation agrees
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with the results for the kinetics of austenite transformation upon straining in low alloy
steels [69–71]. Instead, variations of strain hardening in the UFH sample suggest that
austenite transformation is prolonged to higher levels of strain and proceeds at a slower
rate than in CA and TC. This is an indication for retained austenite of higher mechanical
stability, resulting in improved ductility and energy absorption capacity [70,71]. Liu
et al. [16] pointed out that the chemical heterogeneities in retained austenite, generated
during ultrafast heating experiments, may play a role on the mechanical behavior of
multiphase ultrafast heated steels. The higher carbon and manganese concentration in
austenite formed at prior pearlitic colonies may account to improve the mechanical stability
of the RA grains [61,62], enhancing the ductility of the UFH steel.

During stage 3 (sIII), the deformation of bainite and ferrite continues. Retained austen-
ite grains of higher mechanical stability also transform during this stage. The newly
formed martensite islands act like hard particles, producing the redistribution of plastic
deformation towards bainitic and ferritic constituents [68].

In addition to this analysis, it should be mentioned that the formation of the heteroge-
neously banded microstructure produced via UFH might lead to strain/stress gradients
between ferrite, bainite and retained austenite (which transforms to martensite upon strain-
ing), producing a synergic effect that conduced to the enhancement of ductility without
decreasing the strength level, as reported in Refs. [72–74]. Ryu et al. demonstrated that
the strain partitioning between microconstituents in low alloy steels drastically influences
the stability of retained austenite [75], and this factor could be related to the higher me-
chanical stability indirectly evaluated for the RA grains in the UFH sample. According
to the discussed results and reported mechanical properties for multiphase UFH-Q&P
steels [18,25], ferrite grains could effectively contribute to the ductility by decreasing the
strain localization, improving the retained austenite stability.

However, the exact quantitative analyses of the influence of the spatial distribution
of microconstituents and their contribution to the mechanical behavior, coupled with the
evaluation of kinetics and hardening related to the austenite→ martensite transformation
upon straining remain open for further investigation.

5. Conclusions

In this study, the influence of thermo-cycling and ultrafast heating annealing strate-
gies on microstructure-mechanical properties of austempered steels were evaluated and
compared with a steel grade produced via a conventional annealing route. The following
conclusions are addressed from the obtained results:

1. Four-step thermo-cycling and ultrafast heating above the AC3 led to finer microstruc-
tures than conventional annealing. Retained austenite grain distributions were not
greatly influenced by the prior annealing treatment.

2. The microstructural refinement attained via thermo-cycling does not show a signifi-
cant influence on the mechanical response for the studied steels.

3. Ultrafast heating above the AC3 followed by fast cooling to room temperature retains
a banded microstructure mainly composed of martensite and ferrite. The banded char-
acteristics of the heat-treated material are similar to the observed in the as-received
ferritic–pearlitic steel. Microstructural analysis suggested that the banded microstruc-
ture developed after heat treatment arises from local chemical heterogeneities in the
parent austenite due to insufficient time for diffusion of alloying elements during the
UFH process.

4. In contrast to the conventional annealed sample, the grain refined-heterogeneous
microstructure produced via a combination of UFH and austempering led to an
increase of 40% in total elongation and 50% in energy absorbed measured under
uniaxial strain to fracture.

5. The enhancement of ductility of the UFH-bainitic steel is reached without sacrificing
the strength level. The obtained results suggest that the formation of heterogeneous
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microstructures via ultrafast heating annealing has a greater influence on the mechan-
ical response than the attained level of grain refinement.
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