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Abstract: Laser powder bed fusion (LPBF) is a typical additive manufacturing technology that offers
significant advantages in the production of complex components. With the rapid heating and cooling
characteristics of LPBF, a large amount of solid solution of alloying elements in the matrix can be
achieved to form supersaturated solid solutions, thus enhancing the properties of LPBF alloys. For
the unique microstructure, the heat treatment process needs to be adjusted accordingly. In this work,
a Zr/Sc-modified Al-Mg alloy processed by laser powder bed fusion (LPBF) with relatively low
cost and good mechanical properties was investigated. The fine microstructure was obtained under
rapid solidification conditions. The nanoscale Al3(Sc,Zr) particles precipitated at the molten pool
boundary during solidification. These particles, as effective heterogeneous nucleators, further refined
the α-Al grains and improved the mechanical properties of the alloy. As a result, the alloy exhibited
a heterogeneous microstructure consisting of columnar grains in the center of the molten pool and
equiaxed grains at the boundaries. The rapid solidification resulted in the supersaturation of solute
atoms in the α-Al matrix, which significantly enhanced the solid solution strengthening effect. With
the LPBF processing parameters of a combination of a laser power of 250 W, a laser scanning speed of
833 mm/s, and stripe scanning mode, the tensile strength of the alloy reached 401.4 ± 5.7 MPa, which
was significantly higher than that of the cast alloys with aging treatment (281.1 ± 1.3 MPa). The
heat treatment promoted the formation of secondary Al3(Sc,Zr), Mn/Mg-rich phases. The ultimate
tensile strength and elongation at fracture after aging at 325 ◦C for 2 h were 536.0 ± 1.7 MPa and
14.8 ± 0.8%, respectively. The results provide insight into the preparation of aluminum alloys with
relatively low cost and excellent mechanical properties.

Keywords: additive manufacturing; laser powder bed fusion; Al-Mg-Sc-Zr alloy; fine grain
strengthening; solution strengthening

1. Introduction

Aluminum alloys are widely used in aerospace and automotive industries due to
their low density, high specific strength, corrosion resistance, and processability [1]. In
the pursuit of better weight reduction, complex-shaped parts with hollow structures are
gradually being applied [2]. However, it is difficult to form such complex parts with
conventional manufacturing methods. Laser powder bed fusion (LPBF), as a typical
additive manufacturing technology, reveals its advantages [3].

Unfortunately, aluminum alloys have faced additional challenges in the LPBF for high
laser reflectivity, low flowability, high cracking tendency, stable oxide film, and high thermal
conductivity [4–6]. Therefore, aluminum alloys commonly selected for LPBF are usually
near-eutectic Al-Si alloys, such as AlSi10Mg [7,8], AlSi12 [9–11], and AlSi7Mg [12,13].
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The LPBF-formed samples of Al-Si alloys showed better properties than the cast-formed
samples, e.g., the work of Pezzato et al. [14] shows that PEO coating on the LPBF-formed
AlSi10Mg samples has better properties than the cast samples; Ahu [15] pointed out that
the fine microstructure and uniformly dispersed Si particles formed during the rapid
solidification and cooling of the LPBF process provide better corrosion resistance than
typical methods. Nevertheless, the yield strength of LPBF Al-Si alloys is usually lower
than 290 MPa and the elongation is about 2.8–4.5% at room temperature [10]. Although
the elongation of alloys could be increased to ~25% after solution treatment, the strength
decreased remarkably to ~100 MPa [9]. Such limitations constrain their application in
certain areas requiring high-strength and acceptable elongation.

Age-hardened high-strength aluminum alloys fabricated by LPBF often suffer from
severe cracking due to their wide solidification range [16,17]. Al-Mg alloys have good
weldability and corrosion resistance, but their strength is limited compared with alloys
such as 2xxx or 7xxx series aluminum alloys [18]. To enhance the strength of Al-Mg alloys,
the addition of small amounts of Sc elements is an effective approach [19]. The primary
Al3Sc has a thermodynamically stable cubic L12 lattice structure. Moreover, it has similar
lattice parameters to α-Al and a smaller lattice mismatch, making it an ideal nucleation site
for Al grains and promoting heterogeneous nucleation.

Co-adding Sc and Zr are found to be more effective for several reasons. Firstly, the
addition of Zr reduces the maximum solubility of Sc in α-Al, allowing the precipitation of
primary Al3(Sc,Zr) particles at lower addition levels [20,21]. Secondly, when Zr is added, it
forms Al3(Sc,Zr) which enhances the coherency between the nucleator and the α-Al matrix,
thereby further improving the nucleation efficiency [22]. Thirdly, the slower diffusion of Zr
in α-Al than that of Sc enhances resistance to coarsening [23–25]. Finally, the partial substi-
tution of Zr for Sc provides significant cost savings [26]. Due to high extended solubility
during rapid solidification at a cooling rate of 106 K/s, the solid solution strengthening
effect is promoted, despite the equilibrium maximum solubility of Sc and Zr in Al being
0.2 at.% Sc and 0.08 at.% Zr [27]. The LPBF-fabricated aluminum alloys often exhibit a
columnar grain structure that is parallel to the build direction. This occurs due to the high-
temperature gradient and rapid heat transfer in LPBF, which promotes directional growth.
In the case of aluminum alloys containing Sc or Zr, a bimodal microstructure is typically
observed. This is because the primary formation of Al3Sc or Al3Zr during solidification
promotes nucleation and inhibits the epitaxial grain growth of columnar structures. [28–31].
Accordingly, the introduction of Sc and Zr into aluminum alloys will synergize multiple
strengthening mechanisms, such as fine grain strengthening, precipitation strengthening,
and solid solution strengthening, giving the alloy excellent mechanical properties. How-
ever, the use of Sc alloying has increased the cost of the material, and the preparation of
relatively coarse powders with good flowability requires large atomization equipment,
which undoubtedly increases the cost of the material even more. Previous studies have
shown that Mg elements in aluminum alloys are highly susceptible to vaporization during
LPBF, which affects the formability and density of the samples [32,33]. Generally, the higher
the Sc contents, the better the refinement and strengthening effect of the alloy. Currently,
high-performance aluminum alloys prepared by LPBF are commonly used with an Sc
content of 0.7–1.1 wt.% [34–38].

Using relatively coarser powders can improve flowability [39]. The commonly used
powder had a D50 of approximately 38–48 µm [34,40,41]. To reduce costs, researchers
have developed several methods for alloy production, including the partial or complete
substitution of Zr for Sc [26,42–44], the substitution of Er or Hf for Sc [27,45,46], and
the reuse of recycled powder [47,48]. In this work, we attempted to reduce the cost
of the powder by appropriately reducing the Sc content and using small atomization
equipment to produce fine powders. The deterioration of the properties caused by the lack
of powder flowability and the decrease of alloying elements were successfully overcome
by parameter control, and a performance comparable to that of the mainstream was
achieved. To clarify the microstructural characteristics of the LPBF Al-Mg-Sc-Zr alloy and
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its formation mechanism, a comparative study was conducted with the cast samples of
the same composition. Moreover, the heat treatment process must also be adapted to the
unique microstructure. The development of heat treatment for the LPBF-processed Al-Mg-
Sc-Zr alloy is discussed, and the effects of heat treatment on the mechanical properties
are presented.

2. Materials and Experimental Methods
2.1. Materials and Sample Preparation

The alloy powder used in this work was prepared by vacuum induction gas atom-
ization (VIGA) using lab-made equipment. The nominal composition of the Al-Mg-Sc-Zr
alloy powder is shown in Table 1. Scanning electron microscope photographs of the alloy
powders showed mainly spherical shapes with a small number of satellite particles attached
to the surface, as shown in Figure 1a. The particle size distribution of the powders was
measured using a laser particle size analyzer (BT-9300-ST) (Figure 1a). The D50 value was
26.14 µm. A Renishaw AM400 LPBF machine was used. To avoid the influence of moisture
on the deformability of the sample, the powder was dried for 3 h at 90 ◦C in a vacuum
drying oven prior to LPBF.

Table 1. The chemical composition of the investigated powder (wt.%).

Elements Mg Sc Zr Mn Fe Si O Al

wt.% 4.77 0.67 0.38 0.46 0.098 0.054 0.039 Bal.
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Figure 1. (a) Powder characteristics of the Al-Mg-Sc-Zr powder for LPBF, including SEM morphology
and particle size distribution. (b) Schematic diagram of the laser scanning modes for LPBF.

The meander scanning mode and stripe scanning mode were designed as shown in
Figure 1b. The laser scanning direction was rotated 67◦ when the two scanning methods
were converted between layers. Small-batch block samples were prepared using different
laser powers and scanning speeds. The laser power range of the LPBF was from 200 to
275 W, the scanning speed was from 833 mm/s to 2250 mm/s, the layer thickness was
30 µm, the laser spot size was 70 µm, and the hatch spacing was 0.08 mm. In addition, there
was no interlayer pause during LPBF, and no contour scanning was used in this work.

2.2. Characterization Method and Experimental Equipment

The initial selection of LPBF parameters was determined by the density measured by
the standard Archimedes drainage method (METTLER TOLEDO XS105, Mettler-Toledo
International Inc., Columbus, OH, USA, with an accuracy of 0.0001 g/cm3) and then
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combined with metallographic observations. Based on the optimized LPBF parameters,
samples of 40 × 20 × 40 mm3 were prepared for observation and testing (Figure 2a). The
pores and cracks in the samples were observed using a Zeiss Axiovert 200 AMT optical
microscope (OM) (Carl Zeiss AG, Oberkochen, Germany). The metallographic specimens
could be obtained by polishing and etching the specimens for 80 s with Keller reagent.
To promote precipitation strengthening, a post-process aging procedure was optimized.
Heat treatments were carried out at temperatures between 280 ◦C and 350 ◦C with a
holding time of 1 to 4 h. The detailed heat treatment parameters are shown in Table 2.
The microhardness of the specimens was measured using an FM-700 microhardness tester
(Future-tech Corp, Japan) with a 200 g load and 10 s dwell time. A D8 Advance X-ray
diffractometer (XRD) (Bruker Physik AG, Karlsruhe, Germany) with Cu Kα radiation,
operated at 30 kV and 10 mA, was used for phase analysis. The 2θ angle range from 20◦

to 90◦ was scanned at a scan speed of 4◦/min. The microstructure of the samples was
characterized using a scanning electron microscope (SEM, ZEISS Sigma 500, Carl Zeiss
AG, Oberkochen, Germany) equipped with an electron backscatter diffraction (EBSD)
detector. The scanned area for the EBSD map for the cast Al-Mg-Sc-Zr alloy was 550 µm
by 450 µm with a step size of 3 µm, and it was 50 µm by 45 µm with a step size of 0.07 µm
for the LPBF sample. The EBSD data were then processed using the HKL CHANNEL5
package. The grain size was determined according to ASTM E122. The structure of the
nano-precipitated phases was observed by transmission electron microscopy (TEM, FEI
F20, FEI Corp, Hillsboro, OR, USA). All EBSD specimens were prepared by electrospray
polishing with an electrolyte formulation of 5 mL HClO4 + 95 mL CH3OH at −50 ◦C, a
supply voltage of 18 V, and a polishing time of 60 s. TEM specimens were prepared by
electrolytic twin-jet thinning with an electrolyte of 30 mL HNO3 + 70 mL CH3OH at −50 ◦C
and a supply voltage of 18 V. Tensile testing was performed on an Instron 8801 testing
machine (Instron Limited, Helvetica, UK) at room temperature. Tensile dog bone specimens
were prepared with a gauge length of 5 mm. The sampling direction and specimen shape
are shown in Figure 2b. The tensile strain rate was 0.3 mm/min. For all characterized
specimens, the specimen location is above 5 mm from the substrate and below 5 mm from
the top of the specimen. Three samples were prepared for each group of tensile tests.
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Figure 2. (a) Picture of the specimen manufactured by LPBF. (b) Schematic diagram of the sampling
direction for the tensile test.

Table 2. Heat treatment parameters of the Al-Mg-Sc-Zr alloy.

Temperature (◦C) Time (h)

280 1 2 3 4
300 1 2 3 4
325 1 2 3 4
350 1 2 3 4
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3. Results
3.1. Formability of Al-Mg-Sc-Zr Alloys with Different Preparation Processes

Table 3 shows the densities of Al-Mg-Sc-Zr alloy samples prepared by casting and
LPBF with different parameters and laser scanning strategies. Overall, the casting sample
showed higher density. For the LPBF samples, the sample densities increased as the energy
density increased. Furthermore, the samples prepared by the stripe scanning pattern
showed higher densities.

Table 3. Processing parameters and corresponding density of the samples.

Process
Power

(W)
Scanning Speed

(mm/s)
VED

(J/mm3)
Density (g/cm3)

Meander Stripe

LPBF

275 2250 50.9 2.553 2.625
245 1400 72.9 2.634 2.647
245 1200 85.1 2.637 2.650
200 833 100 2.646 2.648
220 833 110 2.647 2.647
250 833 125 - 2.653

Cast 2.701

Figure 3 shows the morphology of the LPBF alloy with different parameters. No
cracks were observed in any of the samples, but some pore defects were present. These
pores can be divided into two types, one with a larger size and an irregular shape, as
indicated by the red arrows in the figure. The other is smaller in size and spherical, as
indicated by the blue arrows in the figure. Spherical pores were generated at all process
parameters. With the same manufacturing parameters, the meander scanning samples
showed more irregularly shaped pores (Figure 3a,d). The irregularly shaped holes were
reduced in the stripe scanning samples (Figure 3b,e) and were completely eliminated by
increasing the laser power (Figure 3c,f).The stripe scanning samples featured smaller and
uniformly distributed pores (Figure 3b,e). Subsequent analyses were performed based on
the optimal parameters.
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3.2. Aging Treatment Effect on the Microhardness and Phase Composition of Al-Mg-Sc-Zr Alloys

Figure 4a shows the hardness evolution of LPBF Al-Mg-Sc-Zr samples after different
post-treatments. The hardness increased remarkably after aging. For the aging temperature
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of 280 ◦C and 300 ◦C, the hardness increased with the increased aging time. For the aging
temperature of 325 ◦C, peak hardness was achieved after 2 h, and no severe over-aging was
found with a longer holding time. By further elevating the aging temperature to 350 ◦C,
peak hardness was achieved after 1 h and then decreased. Therefore, the optimum aging
parameter was 325 ◦C and 2 h of aging time.

Crystals 2023, 13, x FOR PEER REVIEW 6 of 15 
 

 

Figure 3. Optical microscope images of Al-Mg-Sc-Zr alloy fabricated by LPBF under process param-
eters of (a,d) 220 W, 833 mm/s at meander scanning pattern; (b,e) 220 W, 833 mm/s at stripe scanning 
pattern; and (c,f) 250 W, 833 mm/s at stripe scanning pattern. 

3.2. Aging Treatment Effect on the Microhardness and Phase Composition of Al-Mg-Sc-Zr Alloys 
Figure 4a shows the hardness evolution of LPBF Al-Mg-Sc-Zr samples after different 

post-treatments. The hardness increased remarkably after aging. For the aging tempera-
ture of 280 °C and 300 °C, the hardness increased with the increased aging time. For the 
aging temperature of 325 °C, peak hardness was achieved after 2 h, and no severe over-
aging was found with a longer holding time. By further elevating the aging temperature 
to 350 °C, peak hardness was achieved after 1 h and then decreased. Therefore, the opti-
mum aging parameter was 325 °C and 2 h of aging time. 

 
Figure 4. (a) Microhardness curves of LPBF samples at different post-treatments. (b) X-ray diffrac-
tion patterns of Al-Mg-Sc-Zr powders and alloys. 

Figure 4b shows the diffraction patterns of the original powder, as-cast, as-LPBF, and 
aged Al-Mg-Sc-Zr alloys. For the LPBF samples, only the diffraction peaks of α-Al were 
detected in the non-aged sample, and the peaks of Al3(Sc,Zr) were detected after aging 
treatment. For the cast samples, Al3(Sc,Zr) peaks were detected in aged and non-aged 
samples. In addition, a shift toward a lower value in the 2θ angle of the α-Al diffraction 
peak was also observed for the printed sample compared with the powder.  

3.3. Microstructure Evolution of the Al-Mg-Sc-Zr Alloys 
The molten pool of the Al-Mg-Sc-Zr alloy fabricated by LPBF has a scale shape and 

is stacked layer by layer (Figure 5a). The SEM image shows a clear boundary between the 
center and the boundary of the melted pool (Figure 5b). As shown in Figure 5c, SEM-EDS 
analysis showed that the major elements were uniformly distributed. 

Figure 4. (a) Microhardness curves of LPBF samples at different post-treatments. (b) X-ray diffraction
patterns of Al-Mg-Sc-Zr powders and alloys.

Figure 4b shows the diffraction patterns of the original powder, as-cast, as-LPBF, and
aged Al-Mg-Sc-Zr alloys. For the LPBF samples, only the diffraction peaks of α-Al were
detected in the non-aged sample, and the peaks of Al3(Sc,Zr) were detected after aging
treatment. For the cast samples, Al3(Sc,Zr) peaks were detected in aged and non-aged
samples. In addition, a shift toward a lower value in the 2θ angle of the α-Al diffraction
peak was also observed for the printed sample compared with the powder.

3.3. Microstructure Evolution of the Al-Mg-Sc-Zr Alloys

The molten pool of the Al-Mg-Sc-Zr alloy fabricated by LPBF has a scale shape and is
stacked layer by layer (Figure 5a). The SEM image shows a clear boundary between the
center and the boundary of the melted pool (Figure 5b). As shown in Figure 5c, SEM-EDS
analysis showed that the major elements were uniformly distributed.
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The microstructure along the building direction of the as-LPBF alloy is shown in
Figure 6a. The microstructure of the molten pool could be distinctly divided into two zones:
the coarse columnar grain (CG) zone and the fine equiaxed grain (FG) zone. The FG zone
was located at the boundary of the molten pool, and the grains within the FG zone were fine
and equiaxed. The grains in the CG zone at the center of the molten pool were columnar.
The average grain size of the fine equiaxed grain was about 0.45 ± 0.19 µm; the coarse
columnar grains were parallel to the build direction, the average width was approximately
1.07 ± 0.49 µm, and the average length was approximately 4.12 ± 2.49 µm. Interestingly,
there was no obvious transition zone between the two regions, and the interface was
very distinct. According to the SEM image (Figure 5b), the FG area accounted for about
65.1% of the total area. TEM observations were performed to gain more insight into the
microstructural characteristics of each region (Figure 6b,c). From the elemental distribution
maps, the distribution of Mg and Mn elements in the printed sample was homogeneous.
Primary Al3(Sc,Zr) particles with sizes of about 30–40 nm were present in the FG region,
and these particles were mainly distributed at grain boundaries. These particles were not
observed in the CG region, as shown in Figure 6c.
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Figure 7 shows the microstructure in the LPBF Al-Mg-Sc-Zr alloy after aging treat-
ment at 325 ◦C/2 h. Similar to the as-built sample, the heat-treated sample also ex-
hibited a bi-modal microstructure. The average diameter of the fine equiaxed grains
was ~0.49 ± 0.18 µm. The average grain width and length within the CG regions were
~1.52 ± 0.17 µm and 6.10 ± 3.42 µm, respectively. According to Figure 7a, the FG area
accounted for about 60.9% of the total area. The square primary Al3(Sc,Zr) particles did
not grow significantly. Secondary-Al3(Sc,Zr) particles were observed in the FG regions
and were much smaller than the primary particles. Additionally, larger Mn- and Mg-rich
phases precipitated along the grain boundaries (Figure 7b).

Figure 8a shows the EBSD map of cast Al-Mg-Sc-Zr alloy after aging treatment at
325 ◦C for 2 h. The cast alloy exhibited a homogeneous equiaxed microstructure with a
relatively large grain size, which reached an average size of 23.96 ± 7.30 µm. Backscatter
scans and corresponding elemental distribution analyses are shown in Figure 8b. No segre-
gation of Mg and Mn elements could be seen in the alloy. The size of the primary Al3(Sc,Zr)
particles precipitated during casting was up to about 5 µm, which was much larger than
the size of Al3(Sc,Zr) particles in the sample fabricated by LPBF (Figures 6b and 7b).
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3.4. Mechanical Properties

Figure 9 shows the microhardness and engineering stress–strain curves of the cast
and LPBF Al-Mg-Sc-Zr samples. For the LPBF samples, the microhardness was tested
in the vertical (V) orientation, while the tensile test was tested in both the vertical and
horizontal (H) orientations. The HV, UTS, and elongation to failure (ε f ) are listed in
Table 4. The microhardness of the LPBF alloy was significantly higher than that of the
cast alloy and further increased after aging. The strength showed a similar trend to the
microhardness. The UTS and ε f of the cast samples were 281.1 ± 1.3 MPa and 23.2 ± 0.6%,
respectively. For LBPF samples, the UTS of the as-printed sample along the H-direction
could reach 401.4 ± 5.7 MPa with an elongation of 24.0 ± 1.0%. The strength was increased
to 536.0 MPa after aging at 325 ◦C for 2 h.
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Table 4. UTS and ε f of the Al-Mg-Sc-Zr alloys. Ten hardness points were tested for each condition and
three samples for each condition for tensile testing. Subsequently, the mean and standard deviation
were calculated.

HV UTS (MPa) εf (%)

Cast-325 ◦C/2 h 90.55 ± 1.59 281.1 ± 1.3 23.2 ± 0.6
As-LPBF-V 119.52 ± 3.49 386.4 ± 4.6 21.2 ± 1.3
As-LPBF-H - 401.4 ± 5.7 24.0 ± 1.0

LPBF-325 ◦C/2 h-V 159.31 ± 1.93 521.3 ± 9.0 8.3 ± 3.5
LPBF-325 ◦C/2 h-H - 536.0 ± 1.7 14.8 ± 0.8

4. Discussion
4.1. Mechanism of Defect Formation in Al-Mg-Sc-Zr Alloys Fabricated by LPBF

As shown in Table 3 and Figure 3a,b, the density of the samples produced by the
stripe scanning mode was higher than those produced by the meander scanning mode.
The meander-scanned samples show larger-sized and irregular-shaped pores (Figure 3a,d),
which was the result of inadequate fusion. The number and size of such pores in the
stripe-scanned samples were significantly reduced due to the increased remelting ratio
(Figure 3b,e). Small and unavoidable pores were also observed in the printed samples.
When low melting point elements (Mg in this study) evaporated and failed to escape from
the liquid metal during LPBF, gas pores were formed.

4.2. Mechanisms for the Formation of Heterogeneous Microstructures of Al-Mg-Sc-Zr Alloys
Prepared by LPBF

During LPBF, under the superheated conditions of the melt, uniform nucleation did
not occur. Instead, nucleation occurred at the solid –liquid interface between the solidified
surface and liquid metal [49]. The optimal crystallographic orientation for aluminum grain
growth is <001> [8]. The grains grow along the <001> direction and perpendicular to the
isotherm of the molten pool boundary against the direction of heat flow. Crystallization was
initiated at the molten pool boundary and grew in columnar crystals toward the interior of
the molten pool [50,51]. The solidification mode of the molten pool depended mainly on
the laser energy density and the interaction time between the laser and the material [52].

The microstructure during solidification was influenced by the temperature gradient
(G) and solidification rate (R). The size and type of microstructure are determined by
G·R and G/R, respectively [34,53]. Higher G·R increases the subcooling of the melt and
promotes grain refinement. With the increase of G/R, the crystal morphology changes
from dendritic to cellular and eventually to planar crystals. There is a critical value for the
columnar to equiaxed grain transition (Cst), forming equiaxed grains when G/R < Cst and
columnar grains when G/R > Cst. High cooling rates in the center led to finer equiaxed
grains when coarser columnar grains were observed at the boundary [54]. However, for
LPBF, the temperature gradient and cooling rate were extremely high, and epitaxial grain
growth often occurred. Columnar grains with a length larger than the layer thickness could
be observed [16,55,56].

As can be observed in Figure 8a, the relatively large and equiaxed grains of as-cast
Al-Mg-Sc-Zr alloy were caused by the low cooling rate and temperature gradient, where
there was no significant heat flow direction. However, the grain morphology of the alloy
prepared by LPBF in this work (Figure 6a) seems contrary to the rules of grain nucleation
and growth in the LPBF process discussed above. This was attributed to the addition of
Sc and Zr elements. Sc and Zr can form Al3(Sc,Zr) particles in aluminum alloys, and it
nucleates before α-Al, so Al3(Sc,Zr) particles can be used as nucleation sites.

According to the results reported by Haidemenopoulos et al. [57] and Wang et al. [36],
Al3(Zr, Sc) was preferentially precipitated in the supersaturated melt of Al-Mg-Sc-Zr
alloy. With the further reduction in temperature, the primary Al3(Zr, Sc) provided the
necessary heterogeneous nucleation sites for grain refinement. The lattice parameter of
Al is 0.4049 nm [22,58], and that of Al3Sc is 0.4103 nm [22,59]. The lattice misfit is 1.33%.
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For Al3Zr, the lattice parameter is 0.408 or 0.4077 nm [22], and its lattice misfit with α-Al
is 0.67–0.79%. Harada et al. [60] reported that the lattice parameter of Al3(Sc,Zr) could
be decreased from 0.4103 to 0.4092 nm by changing the ratio of Zr and Sc content. So,
Al3(Sc,Zr) could have a small lattice misfit with α-Al. Therefore, the nucleation barrier was
low, leading to high nucleator efficiency.

Liu et al. simulated the thermal field of the molten pool of aluminum alloy fabricated
by LBPF and found that the cooling rate at the molten pool boundary was lower than that
at the center of the molten pool [54]. Hence, at the molten pool boundary, Sc and Zr had
sufficient time to diffuse and agglomerate to form Al3(Sc,Zr) particles as heterogeneous
nucleation sites for α-Al, as illustrated in Figure 10. At the center of the molten pool,
however, insufficient incubation time for Al3(Sc,Zr) particles resulted in the lack of hetero-
geneous nucleation agents in the center of the molten pool (Figure 6c) and the formation of
columnar grains.
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The research in ref. [54] proved that the formation of equiaxed grains in the center of
the molten pool depended on the laser energy density. At a lower laser scanning speed and
higher laser power, the laser energy density could be increased to reduce the temperature
gradient at the solidification interface and promote the formation of equiaxed grains.
However, for the Al-Mg alloy in this experiment, to ensure the formability and avoid the
accelerated sputtering of metal droplets caused by the violent vaporization, the optimized
printing parameters were not sufficient to form equiaxed grains in the center of the molten
pool. Therefore, the LPBF-fabricated Al-Mg-Sc-Zr alloy formed a bimodal microstructure,
consisting of equiaxed grains at the molten pool boundary and coarse columnar grains at
the molten pool center. As the next layer of powder was melted and solidified, the equiaxed
grains at the molten pool boundary inhibited the epitaxial growth of the upper layer of
columnar grains. Therefore, the columnar crystal region and the equiaxed grain regions
were formed alternately along the building direction.

4.3. The Strengthening Mechanism of Al-Mg-Sc-Zr Alloys Prepared by LPBF

As shown in Figure 9, the microhardness and strength of the specimens prepared by
LPBF were significantly higher than that of the conventional casting alloy. There are several
possible reasons for the good properties.

First, the extremely high-temperature gradients and cooling rates inherent in the LPBF
process prevented the grains from growing, resulting in a fine grain structure. As shown in
Figures 6a and 8a, the columnar grains of the LPBF alloy were significantly finer than those
of the cast alloy. Additionally, nanoscale coherent Al3(Sc,Zr) particles precipitated from
the liquid metal during solidification at the molten pool boundary and acted as effective
heterogeneous nucleation sites to further refine the grains and achieve fine equiaxed grains
zone with 65.1% of the total, as shown in Figure 6a,b. It is known from the classical Hall–
Petch relationship that the finer the grain size, the higher the strength [60]. Hence, there was
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a remarkable fine-grain strengthening effect in the LPBF alloys. Moreover, the Al3(Sc,Zr)
particles in the printed alloy were mainly distributed at grain boundaries (Figure 5b), which
can effectively pin grain boundaries during deformation.

Second, comparing Figures 6b and 8b, it was found that the diameter of Al3(Sc,Zr) par-
ticles was 30–40 nm in the printed alloy, much smaller than those in the cast alloy (~5 µm).
Hence, a greater second-phase strengthening effect was obtained in the LPBF alloys.

Third, according to the kernel average misorientation (KAM) maps (Figure 11), a high
density of misorientation was observed at the grain boundaries of the as-printed sample
(Figure 11d), which was mainly due to the accumulation of dislocations and residual
stress caused by the thermal cycle in the LBPF process. The pre-existing dislocations
could restrict the dislocation movement, thus producing additional strengthening effects.
Additionally, a large number of coherent Al3(Sc,Zr) nanoprecipitates in the α-Al matrix
could also contribute to the ductility improvement because of the increased dislocation
storage capability and resistance to dislocation-slip by nanoprecipitates [26].

Finally, Qiuge Li et al. [27] summarized the solid solubility of binary Al-X alloys under
equilibrium and rapid cooling at 106 K/s and found that the solubility of Sc, Zr, and Mn
atoms in the Al matrix under rapid solidification conditions was much greater than those
at equilibrium conditions (0.2 at.%, 0.08 at.%, and 0.71 at.%, respectively, under equilibrium
conditions, 2.15 at.%, 1.99 at.%, and 7.4 at.% under rapid solidification conditions at 106 K/s,
respectively). In this work, the α-Al diffraction peak of the printed sample was left shifted
(Figure 4b). According to Bragg’s rule, the lattice face spacing (d) increases. This may be
attributed to the fact that the precipitation of Sc, Zr, and Mn phases was suppressed at
extremely high cooling rates during LPBF solidification and that a large amount of solid
solution of Sc, Zr, and Mn atoms increased the lattice plane distance. This indicates that a
greater solid solution strengthening effect existed in the LPBF alloy.

After aging at 325 ◦C for 2 h, the strength of the alloy showed a significant improvement,
as shown in Figure 9. This improvement can be attributed to two factors. Firstly, the dispersed
secondary Al3(Sc, Zr) (as seen in Figures 4b and 7b) and Mn/Mg-rich phases (as seen in
Figure 7b) inhibit dislocation movement and hinder grain boundary movement. This results
in substructural strengthening and dispersion strengthening effects for the alloy. Secondly, the
primary Al3(Sc, Zr) phase pins the grain boundaries and restricts the grain growth caused by
the aging treatment, thus preventing grain-growth-induced weakening of strength.
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5. Conclusions

In this study, a crack-free Al-Mg-Sc-Zr alloy with excellent tensile properties was
fabricated by LPBF. The conclusions are drawn as follows:

1. The processing parameters strongly influenced the densities of the Al-Mg-Sc-Zr alloys
fabricated by LPBF. After optimization, samples without cracks and large pores
were obtained using a combination of a laser power of 250 W, a scanning speed of
833 mm/s, and a stripe scanning strategy.

2. The solidification rate of the liquid metal affected the formation and size of nanoscale
coherent Al3(Sc,Zr) particles as nucleation sites. The rapid and non-uniform solidi-
fication rate in LPBF alloys resulted in the heterogeneous distribution of Al3(Sc,Zr)
particles, thereby achieving a fine bimodal microstructure. In contrast, the as-cast
samples showed coarse equiaxed grains.

3. Compared with the Al-Mg-Sc-Zr alloys produced by the conventional casting method,
the fine microstructure formed by LPBF showed better mechanical properties. The
increase in strength was mainly due to a combination of fine grain strengthening,
solid solution strengthening, and second-phase strengthening. The sample with the
optimized microstructure showed a horizontal tensile strength of 401.4 ± 5.7 MPa
and an elongation of 24.0 ± 1.0%.

4. After heat treatment, the grain size of the samples did not increase significantly. With
the precipitation of Al3(Sc,Zr) and Mn/Mg-rich phases, the strength and hardness
of the samples improved significantly. At the peak aging, the UTS and ε f reached
536.0 ± 1.7 MPa and 14.8 ± 0.8%, respectively.
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